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Harmonic heterostructured pure Ti fabricated
by laser powder bed fusion for excellent wear
resistance via strength-plasticity synergy
Desheng Li1, Huanrong Xie2, Chengde Gao1*, Huan Jiang1, Liyuan Wang1
and Cijun Shuai1,3*

Titanium (Ti) is a promising candidate for biomedical implants due to lightweight, superior corrosion resistance and bio-
compatibility. Nevertheless, pure Ti is confronted with poor wear resistance which poses a profound bottleneck for ortho-
pedic implant applications. In this work, a novel and feasible route of mechanical milling (MM) and laser powder bed fu-
sion (LPBF) was first developed for architecting highly tunable heterostructure in pure Ti, aiming to overcome wear resis-
tance dilemma. During MM process, a spatial core-shell heterostructure within Ti particle was triggered by manipulating
gradient and intense plastic deformation, accompanied with pre-existing dislocations. In subsequent LPBF process, the
highly transient-melting kinetics and localized nature effectively perpetuated grain heterogeneity,  hence creating a har-
monic  heterostructure  within  consolidated  pure  Ti.  Consequently,  the  heterostructured  Ti  exhibited  an  excellent  en-
hanced  wear  resistance  (33.7%)  compared  to  the  homogeneous  counterpart,  which  was  attributed  to  a  marvelous
strength-plasticity  synergy  motivated  by  the  hetero-deformation  induced  strengthening  and  strain-hardening.  Further-
more, back-stress caused by geometrical necessary dislocation pile-ups offset partial wear shear-stress, also contribut-
ing to wear resistance enhancement.  This  study not  only  provides a manoeuvrable and paradigm route to  fabricate Ti
with conspicuous strength-plasticity synergy and wear resistance, but also sheds light on developing and extending cut-
ting-edge biomedical implant applications.
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 Introduction
Ti  is  a  promising metal  for  biomedical  implant  applica-
tions owing to lightweight, superior corrosion resistance
and biocompatibility1,2.  However,  Ti is  besieged by poor
wear resistance owing to inferior plastic shear-resistance

and  strain-hardening  capacity,  thus  causing  premature

failure  upon  joint  friction,  which  poses  a  sizable  chal-

lenge  in  manufacturing  of  wear  resistant  Ti  orthopedic

implants3,4. For these reasons, many strategies, including

surface  treatment  and  element  doping,  have  been 
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proposed  to  improve  wear  resistance  and  long  been  the
primary strategies for Ti implants. Inevitably, premature
failure  of  surface  modification  and  release  of  toxic  ions
often carry  safety  shortcomings,  such as  mechanical  de-
terioration,  osteolysis  or  neural  disorders,  during  long-
term service of implants. Therefore, developing an effec-
tive strategy is put forward for enhancing the wear resis-
tance and bio-friendly form of pure Ti implants5. As de-
scribed by the empirical  Archard law,  wear  resistance is
closely related to both strength and plasticity6. Generally,
a high strength together with considerable plasticity can
mitigate  brittle  destruction  or  premature  failure  by  re-
tarding the exfoliation of material and the generation of
cracks,  thereby  contributing  to  high  wear  resistance.
Nonetheless,  conventional  strengthening  methods  (such
as  grain  refinement,  second  phases,  etc.)  are  inevitably
accompanied with reduced plasticity. It is known that re-
duced plasticity would deprive the ability to absorb ener-
gy  during  friction  and  debilitate  the  capacity  to  repeat
deformations,  which  is  detrimental  to  wear  resistance.
Therefore,  it  is  challenging  to  break  through  the  dilem-
ma  of  strength-plasticity  trade-off,  thereby  achieving
outstanding wear resistance in pure Ti implants.

In  this  scenario,  heterostructure  inspired  by  natural
materials  arises  at  an  opportune  time  and  is  character-
ized by heterogeneous zones (including heterogeneity of
grains,  phases,  or  compositions,  etc.)  with  dramatically
different  mechanical,  physical  or  chemical  properties.
This  endows  heterostructure  with  a  synergistic  effect  in
which the integrated property exceeds the prediction by
the  rule-of-mixtures,  providing  a  feasible  philosophy  to
break  down  conflicting  performances7–8.  For  instance,
the  antagonism  between  strength  and  corrosion  resis-
tance  in  Al-based  materials  is  an  inherent  challenge  to
design  reliable  structural  components.  Xie  et  al.9

achieved  a  heterostructured  nano-reinforced  Al-based
composites  with  heterogeneous  phase  interfaces  be-
tween nanoplatelets and Al-matrix. This heterostructure
promoted  the  load  transfer  effect  of  nanoplatelets  and
the  formation  of  dense  protective  layer,  which  con-
quered the trade-off  between strength and corrosion re-
sistance  for  Al-based  composites.  Besides,  Wu  et  al.10

fabricated  a  heterostructured  AlCoCrFeNi  high-entropy
alloy  (HEA)  with  fine  and  coarse  grains  via  a  step-by-
step  process  route  of  arc-melting,  cold-rolling  and  an-
nealing.  Consequently,  the  HEA  achieved  a  strength-
plasticity synergy attributed to the coupling in heteroge-
neous  regions.  These  seminal  studies  motivated  an  ex-

ploration  to  overcome  the  strength-plasticity  trade-off
and  thereby  enhance  the  wear  resistance  via  construct-
ing heterostructure in pure Ti implants. To date, the de-
veloped preparation processes for heterostructures, such
as  surface  laser  treatments,  electrodeposition,  and  arc-
melting and cold-rolling followed by annealing, are com-
plicated and circumscribed for pure Ti, leading to detri-
mental phase transitions and microstructures11–12. There-
fore,  it  is  imperative  to  seek  out  effective  and  adaptable
strategies  for  developing  heterostructured  pure  Ti  im-
plants, which can precisely control the evolution and dis-
tribution of heterogeneous regions.

Mechanical milling (MM) is a severe and repeated de-
formation  process  under  highly  controllable  energy  in-
put,  and  has  shown  potential  advantages  in  modulating
the microstructure evolution, including grain sizes13 sol-
id-state  phase  transitions14,  and  elemental  diffusion15.
For  instance,  Parsons  et  al.16 prepared highly-reinforced
Al-based  composite  powders  with  tailored  morphology
and composition using MM. Furthermore, Li et al.17 con-
structed  gradient  nano-grain  structure  within  pure  Cu
powders  by  introducing  severe  deformation  via  MM.
The  above  studies  indicated  that  the  unique  nature  of
MM easily endows materials with particular microstruc-
tures composed of nano, refined, and gradient grains18,19.
This  provides a  promising strategy for  constructing and
regulating  heterogeneous  grains  in  pure  Ti  by  various
energy  inputs  during  MM,  thereby  overcoming  the
strength-plasticity  trade-off.  However,  MM technique  is
geared towards powder materials which necessitates sub-
sequent consolidation to obtain three-dimensional parts.
The  heterostructures  in  powders  originating  from  MM
process  are  generally  in  metastable  states,  which  easily
undergo  phase  transformation  and/or  grain  regrowth
during the subsequent consolidating process.  This poses
attendant  complications  such  as  the  weakening  or  even
loss  of  original  heterogeneous  features.  As  reported  by
Yao  et  al.20,  Mo  powders  treated  by  MM  showed  ultra-
fine-grained (UFGed) (~100 nm) structure. Nevertheless,
the  constant  high  temperature  and  pressure  of  subse-
quent sintering process induced partial grain regrowth to
~11.6  μm,  resulting  in  the  noteworthy  weakening  of
UFGed  features  within  final  sintered  Mo  alloys.  There-
fore,  an appropriate  consolidation avenue is  essential  to
perpetuate  the  heterostructure  prepared  by  MM  into
consolidated  pure  Ti  implants  for  achieving  synergistic
performances.

As a revolutionary technique, laser powder bed fusion
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(LPBF) has obtained widespread attention owing to digi-
tal,  flexible,  and  controllable  consolidation  process,
which opens new possibilities for the direct and fast pro-
duction of metallic parts with extremely complex geome-
tries and specific microstructure21–22. Moreover, the high-
ly transient-melting kinetics and localized nature are well
qualified  for  suppressing  undesired  microstructure
transformations,  which provides a connatural  superiori-
ty  for  perpetuating  the  metastable  microstructure  fea-
tures  of  powders  into  consolidated  parts23–24.  For  in-
stance,  Jung  et  al.25 fabricated  amorphous  Zr-based  al-
loys  via  LPBF  process,  and  found  that  the  transforma-
tions of metastable amorphous phase within initial pow-
ders were restrained during solidification, due to the ex-
tremely rapid cooling.  As studied by Li et  al.26,  a  hierar-
chical CoCrFeMnNi HEA was fabricated via LPBF by us-
ing  a  mixture  of  coarse-grained  (CGed)  powders  and
UFGed  powders.  They  found  that  the  large  super-heat-
ing  and  undercooling  induced  by  LPBF  tended  to  sup-
press  the  regrowth  of  UFGs  and  thereby  perpetuate  the
initial  UFGed  structure  into  HEA  alloys.  In  summary,
LPBF is extraordinarily promising to perpetuate the het-
erogeneous  features  formed  in  MM  and  thus  endow  a
configurable heterostructure in pure Ti implants.

In this work, a novel and manoeuvrable route of MM
and  LPBF  was  proposed  for  architecting  spatial  het-
erostructured  pure  Ti  implants,  intending  to  break  the
strength-plasticity  trade-off  dilemma  for  achieving  en-
hanced  wear  resistance.  Emphases  were  put  on  the  ef-
fects  of  MM process  on the grain size,  dislocations,  and
morphology  evolutions  within  MMed  pure  Ti  powders.
Then,  the  MMed  powders  were  consolidated  by  LPBF

and  a  systematic  study  was  conducted  on  the  het-
erostructure features in the resulting pure Ti. Moreover,
the  wear  resistance  of  heterostructured  pure  Ti  was  in-
vestigated  in  elaboration  via  tribological  behaviour,  mi-
crohardness,  and  strength-plasticity.  The  relevant  rein-
forcement  mechanisms  were  discussed  and  revealed
through an in-depth analysis associated with microscop-
ic  characterizations  of  grain  heterogeneity  and  disloca-
tion distribution.

 Experiments

 MM and LPBF strategy
As  shown  in Fig. 1,  a  manufacturing  route  was  used  to
construct heterostructured pure Ti implants. Ti powders
(Grade  1)  with  a  purity  of  99.99%  from  Beijing  Shape
Memory Additive Technology Co., Ltd., China were used
as  initial  powders  in  the  present  study.  The initial  pow-
ders  exhibited  a  spherical  morphology,  with  a  particle
size  distribution  (PSD)  of  15–53  μm.  The  MM  process
(Step Ⅰ) was carried out in a high-energy planetary ball
mill  apparatus  (Pulverisette  6,  Fritsch,  Germany)  using
tungsten carbide  jar,  and 304 L  stainless-steel  balls  with
Φ=6 mm in an Ar atmosphere. The ball-to-powder ratio,
milling  speed  and  time  of  MM  process  mainly  deter-
mined  morphology  and  microstructure  features  of
MMed pure  Ti  powders.  The  impact  energy  transferred
to powders by MM process can be calculated from27: 

Ek=0.5mb·V 2
b , (1)

where Ek is the kinetic energy transferred to the powders,
mb and Vb are  the  mass  and  speed  of  milling  balls,  re-
spectively.  Specially, Vb is  determined  using  the  follow-
ing formula27: 

 

Step I Step II

200 rpmAr
High-energy milling

Core-shell structure

Powder supply

Harmonic structure

Powder
layer

Building
direction

Laser

Ball Powder

Fig. 1 | A manufacturing route of MM and LPBF for developing heterostructured pure Ti implants.

Li DS et al. Opto-Electron Adv  8, 250043 (2025) https://doi.org/10.29026/oea.2025.250043

250043-3

 

https://doi.org/10.29026/oea.2025.250043


V 2
b = (R·Ω)2 + (r− rb) · ω2 · (1+ 2ω/Ω) , (2)

where R and Ω are the radius and angular speed of a sun
wheel disk of a planetary ball  mill,  respectively; r and rb

are the radiuses of milling jar and ball,  respectively,  and
ω is the angular speed of milling jar. For the MM of met-
al  powders,  such  as  pure  Ti,  Ti6Al4V,  and  Al  powders,
the  energy  approximately  ranged  from  30–60  W  for
achieving controllable microstructures27−29.  In this work,
according to the relevant studies,  the ball-to-powder ra-
tio,  milling  speed  and  time  were  1:1–5:1,  120–300  rpm
and  0–50  hours,  respectively,  for  manipulating  the
milling  energy.  A  series  of  pre-experiments  indicated
that  ball-to-powder  ratio  and  milling  speed  mainly  af-
fected the free space and instantaneous temperature dur-
ing  collision,  and  fracture  and  welding.  Concretely,  the
ball-to-powder  ratio  influenced  the  collision  between
balls and Ti powders, and the excessively low value (1:1)
significantly reduced collision effect, while the excessive-
ly high value (3:1) caused uneven collision due to the in-
sufficient  free  space.  Furthermore,  a  moderate  milling
speed was a key factor in obtaining a satisfying morphol-
ogy of Ti powders. When the milling speed was too low
(150  rpm),  the  balls  and  powders  could  not  adequately
collide with each other, thus failing to refine the grains of
Ti  powders.  When  the  milling  speed  was  too  high  (250
rpm),  the  flake  shape  of  Ti  powders  became  more  pro-
nounced,  and  powders  were  prone  to  fracture,  thus
forming abundant fragments. Hence, the ball-to-powder
ratio  and  milling  speed  were  optimized  as  2:1  and  200
rpm, respectively, for achieving the satisfying morpholo-
gy and particle sizes. More importantly, the milling time
crucially  determined  the  phases  and  grain  sizes17,29−30,
and was manipulated for a desired microstructure in this
work. The MM process was performed in discontinuous
mode consisting of 30 min milling followed by 5 min in-
tervals, and Ti powders milled for 0, 10, 20, and 30 hours
were referred to as MM-0, MM-10, MM-20, and MM-30,
respectively. As shown in Supplementary information of
Fig.  S1,  no  impurity  elements  were  introduced  into  the
pure Ti powder during MM by element analysis.

In  subsequent  process  (Step  Ⅱ),  a  series  of  MMed
pure  Ti  powders  were  layer-by-layer  consolidated  into
the  corresponding  samples  via  a  self-developed  LPBF
system,  named  as  HS-0,  HS-10,  HS-20,  and  HS-30,  re-
spectively. To obviate oxidation reaction during consoli-
dation, the LPBF process was executed in a protective Ar
atmosphere. The LPBF manufacturing system was main-

ly equipped with a powder spreading platform, a 500 W
fiber laser, and a scanning mirror. It was emphasized that
a  series  of  LPBF  pre-experiments  were  carried  out  for
optimizing parameters.  A moderate laser energy density
(E) by manipulating laser power (P), scanning speed (V),
hatch  distance  (H),  and  layer  thickness  (T)  was  con-
ducive  to  satisfying consolidated quality,  and E was  cal-
culated from ref.31,32: 

E=P /(V×H×T ) . (3)
Based  on  the  self-developed  LPBF  system  in  the

present work, it was found that when E was too low (ap-
proximately  <105  J/mm3),  Ti  powders  were  difficult  to
melt completely, which led to a loose structure with edge
peeling in implants. When E was too high (approximate-
ly  >310  J/mm3),  the  excessive  heat  accumulation  in-
duced  the  generation  and  expansion  of  cracks,  while
leading  to  grain  coarsening  in  Ti  implants.  Finally,  the
optimized  parameters  in  the  present  work  were  deter-
mined  as  laser  power  of  190  W,  scanning  speed  of  90
mm/s, hatch distance of 0.08 mm, and layer thickness of
0.1  mm,  with  laser  spot  size  of  50  μm.  The  desired  Ti
samples were fabricated with a size of 10 mm × 10 mm ×
10 mm (Supplementary information of Fig. S2).

 Microstructure characterizations
To  reveal  the  grain  structure  evolution,  the  microstruc-
ture of  MMed powders and LPBFed implants  was char-
acterized  through  electron  backscattering  diffraction
(EBSD, symmetry, Oxford, UK) operated at 15 kV and a
scan step size of 0.3 μm. Subsequent detailed analysis of
heterostructure features, including grain sizes, kernel av-
erage  misorientation  (KAM),  and  dislocation  density,
was  performed  utilizing  orientation  analyzing  AZtec-
Crystal  software.  The prior-β grains  with body-centered
cubic structure were reconstructed by AZtecCrystal soft-
ware based on the obtained EBSD data. Furthermore, the
microstructure  within  MMed  powders  and  the  trans-
verse section of LPBFed samples were observed by trans-
mission  electron  microscopy  (TEM,  JEM-2100plus,  JE-
OL, Japan) operated at 200 kV with energy-dispersive X-
ray spectroscopy (EDS).  Especially,  TEM samples  of  the
wear-scar section were prepared via a focused ion beam
(FIB) system, combined with a high-angle annular dark-
field  (HAADF)  scanning  TEM  (STEM)  to  further  ana-
lyze.  Subsequently,  the  analysis  of  high-resolution  TEM
(HRTEM) and selected area electron diffraction (SAED)
patterns  was  carried  out.  A  geometric  phase  analysis
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(GPA)  method  was  utilized  to  visualize  atomic-level
strains, thereby obtaining reliable strain distribution da-
ta. Fast Fourier Transform (FFT) and inverse FFT (IFFT)
were performed using Digital Micrograph software.

Besides, PSD analysis of MMed powders was conduct-
ed using a laser  particle  size analyzer (Mastersizer  3000,
Malvern, Netherlands) with purified water as the disper-
sant.  Scanning  electron  microscopy  (SEM,  Phenom
ProX,  Phenom,  Netherlands)  equipped  with  EDS  was
employed  to  scrutinize  the  morphology  of  MMed  pow-
ders.  To  evaluate  the  adaptation  for  subsequent  LPBF
process,  the  flowability  of  all  MMed  powders  was  mea-
sured at least three times using a Hall Flowmeter accord-
ing  to  ASTM  B855-17.  The  phase  identification  of  all
samples  was  undertaken  utilizing  X-ray  diffraction
(XRD,  PANalytical  Empyrean,  Malvern,  Netherlands)
with a 2θ range spanning from 25° to 90° and a scan rate
of  5°/min.  Subsequently,  the  phase  structure  analysis  of
samples was carried out using HighScore Plus software.

 Mechanical tests
For tensile tests, Ti samples were fabricated to dog-bone-
shaped  (overall  length  of  30  mm) via  LPBF with  a  gage
section of 15 mm × 3 mm × 1.8 mm (Supplementary in-
formation of Fig. S2). The tensile performances were as-
sessed through tensile  tests  conducted using a mechani-
cal  testing  apparatus  (CMT5105,  Sasck,  China)  operat-
ing at a loading speed of 0.5 mm/min. And stress-strain
curves were recorded along with the exploration of frac-
ture morphologies via SEM. For wear resistance tests, Ti
samples were fabricated to 10 mm × 10 mm × 10 mm by
LPBF,  and  then  polished  to  attain  a  mirror-like  surface
finish.  The  frictional  behaviour  of  LPBFed  Ti  samples
was evaluated using a ball-on-sample experimental mod-
el  through  a  friction  testing  machine  (UMT-3,  Bruker
CETR, USA), with constant sliding track of 4 mm, recip-
rocating frequency of 2 Hz, and duration of 1800 s. The
common  friction  pair  consisting  of  a  Si3N4 ball  (Φ=6
mm) was adopted for the friction tests of Ti samples un-
der varying loads of 2.5, 5, 7.5 and 10 N, respectively. Be-
sides, ultrahigh molecular weight polyethylene (UHMW-
PE) balls (Φ=6 mm) as friction pairs were also employed
to explore the frictional behaviour under different work-
ing conditions.  During the tests,  the friction coefficients
(COFs)  of  all  samples  were  continuously  recorded.  Fol-
lowing  the  friction  tests,  the  analysis  of  frictional  be-
haviour,  wear  volume  and  surface  roughness  was  con-
ducted  using  a  3D  laser  scanning  microscope  (VHX-

50000,  Keyence,  Japan).  The  microhardness  tests  were
conducted  utilizing  a  Vickers  hardness  tester  (HXD-
1000TM/LCD,  Taiming,  China)  with  an applied  load of
2.94 N for a holding time of 15 s. To ensure reproducibil-
ity, all the mechanical tests were repeated at least 3 times
at each site to ensure the accuracy of the results.

 Statistical analysis
The obtained data were represented as the means ± stan-
dard deviations and analysed via the single-factor analy-
sis  of  variance  employing  the  statistical  analysis  Graph-
Pad Prism software. Data were recognized as statistically
significant while p < 0.05 (*, **, ***, and **** represented
p < 0.05, p < 0.01, p < 0.001, and p < 0.0001, respectively).

 Results and discussion

 Powder microstructure
It was noted that among MM parameters, MM-time cru-
cially  determined  grain  structure,  and  particle  sizes  and
morphology  of  powders.  Therefore,  this  work  explored
the  effects  of  MM  process  on  the  evolution  of  grain
structure  by  manipulating  MM-time,  and  microstruc-
ture  characterization  of  pure  Ti  powders  was  presented
in EBSD maps of Fig. 2. As shown in the inverse pole fig-
ure (IPF) map (Fig. 2(a)), the initial powders possessed a
CGed (~6.5 μm) microstructure and spherical morphol-
ogy.  Upon MM treatments,  grain refinement  within the
surface  layer  of  particles  induced  by  high-energy  input
contributed to creating shell regions composed of UFGs
(~0.8  μm),  as  clearly  observed in Fig. 2(b–d).  Compara-
tively,  the  interior  of  MMed  Ti  particles  still  exhibited
CGed  structures  encapsulated  by  the  outer  UFGs.  As  a
result,  a  peculiar  microstructure  consisting  of  UFGed
shell  and  CGed  core  regions  was  architected  in  MMed
pure Ti powders and thereafter defined as core-shell het-
erostructure.  Furthermore, as shown in the higher mag-
nification  observations  (Fig. 2(e–h)),  UFGed  shell  re-
gions  gradually  thickened  (marked  by  dotted  line)  with
increasing MM-time from 10 h to 30 h, which suggested
the tunable spatial volume of core-shell regions.

The  spatial  heterostructure  could  be  attributed  to  the
dislocation introduction on the surface layer of Ti parti-
cles  via  plastic  deformation  during  MM  process.  Con-
cretely, at the early stages of MM process, atomic strains
were induced into the surface layer of Ti particles due to
the  collisions  among  powders,  balls,  and  jars33.  Severe
plastic  deformations  occurred  under  the  accumulated
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atomic strains, which promoted the generation of abun-
dant  pre-existing dislocations.  With continuous milling,
the  dislocation density  reached a  critical  value  and trig-
gered dislocation walls which disintegrated the CGs into
finer grains separated by grain boundaries (GBs). Conse-
quently,  the  repeated  and intense  collisions  during  MM
process led to the continuous grain refinement and even-
tual  formation of  UFGed shell  regions on the surface of
Ti particles.

In  addition,  KAM,  defined  as  average  misorientation
between a  kernel  point  and the  neighbouring points  in-
side  individual  grains,  has  been  widely  applied  in  dislo-
cation  density  characterisations.  Intuitively,  dislocation
density evolution within Ti powders upon different MM-
time  was  further  evaluated  by  KAM  maps  from  EBSD
orientation  data.  In Fig. 2(i),  a  KAM  map  of  powders
without  MM  process  showed  a  thoroughly  low  disloca-
tion density with entire blue regions.  Divisionally,  MM-
10 powders were dominated by high dislocation density
discriminated  by  green  regions  (Fig. 2(j)).  Interestingly,

the high dislocation density  regions and low dislocation
density  regions  essentially  overlapped  with  the  UFGed
shell  regions  and  CGed  core  regions,  respectively,  sug-
gesting  that  the  core-shell  regions  of  heterostructure
could  be  estimated  by  the  dislocation  density  distribu-
tions. Obviously, as MM-time prolonged from 10 h to 30
h (Fig. 2(j–l)), the volumes of high dislocation density re-
gions increased,  which further  confirmed the increasing
thickness of UFGed shell regions. These findings demon-
strated that the controllable energy input in MM process
could  manipulate  the  extent  of  plastic  deformation  and
gradient distribution of grain sizes, thereby enabling de-
velopment  of  heterostructured  pure  Ti  powders  with
highly tunable volumes of core-shell regions.

To  gain  insights  towards  core-shell  heterostructure,
TEM characterization (Fig. 3)  was further conducted on
MM-20  powders  as  a  supplement  to  EBSD  analysis.  As
shown in Fig. 3(a), the obvious GBs (blue arrows) within
the border layer of Ti particles further demonstrated the
UFGs as outer shell regions. A HRTEM pattern of region
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A  suggested  a  heterogeneous  interface  (dotted  line)  be-
tween the core and shell regions (Fig. 3(b)). The FFT pat-
tern  (inset  in Fig. 3(b))  presented  a  hexagonal  close-
packed (HCP) structure of MMed powders. Further, the
SAED  pattern  (Fig. 3(c))  further  displayed  that  MMed
pure Ti  powders were composed of  a  single  HCP struc-
ture  with  representative  (100),  (102)  and  (002)  lattice
planes,  indicating  no α→β phase  transformation  in  final
pure  Ti  powders  after  MM process.  As  known,  the α→β
phase transformation requires the following conditions34:
(I) the temperature exceeds the threshold of phase trans-
formation  (~883  °C);  (II)  doping  abundant β-stabilizer
to  enable β-phase  stabilization  in  final  consolidated
parts. In this work, for pure Ti powders without alloying
element,  MM  process  provided  a  physical  driving force
at low temperatures for grain refinement, which failed to
meet above conditions for the α→β phase transformation.
For a closer view, specific lattice fringes for core-shell re-
gions  (Fig. 3(d))  were  detected  in  IFFT  patterns  of  re-
gion A, demonstrating a more distinct heterogeneous in-
terface  determined  by  the  discrepancies  in  the  orienta-
tion  of  lattice  fringes  between  core  and  shell  regions.
Furthermore, a GPA method was utilized to comprehen-

sively  probe  into  the  nature  of  atomic  strains,  as  shown
in Fig. 3(e).  The  atomic  strain  along  [001]  reflection
within  MMed  powders  was  observed  to  be  heteroge-
neously  distributed  across  the  heterogeneous  regions,
with UFGed shell regions exhibiting an enhanced level of
strain  compared  with  the  CGed  core  regions.  This  fur-
ther confirmed that the collisions among powders, balls,
and  jars  during  MM  process  induced  copious  strains,
which  multiplied  severe  plastic  deformation  within  the
Ti powders. Besides, an enlarged IFFT pattern (Fig. 3(f))
at  region  B  showed  that  the  interplanar  spacing  within
core and shell regions were d(002) = 0.234 nm and d(102) =
0.172  nm,  respectively,  which  was  congruent  with  the
TEM patterns of pure Ti studied by Tao et al.35 and fur-
ther  verified the SAED result  of Fig. 3(c).  In brief,  these
results  demonstrated  intuitively  the  grain  heterogeneity
and  atomic  strains  triggered  by  MM  process  within  the
pure Ti powders.

To predict the adaptability of MMed powders for sub-
sequent  LPBF  technique,  the  morphology  evolutions  of
pure  Ti  powders  for  various  MM-time  were  character-
ized by SEM. As shown in Fig. 4(a), the initial Ti powder
particles  presented  a  spherical  morphology,  with  the
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adhesion of small-sized satellite particles, which was con-
sistent  with  the  EBSD  results  in Fig. 2(a).  Compared  to
the initial  Ti  powders,  MMed powders displayed a plas-
tic  deformation  region  with  wrinkled  structure  intro-
duced by intense collisions on the surface layer of parti-
cles,  along  with  the  disappearance  of  satellite  powders

(Fig. 4(b)).  Furthermore,  the  deformation  and  rough-
ness became ever-increasingly obvious with incremental
MM-time (Fig. 4(b–d)). A similar phenomenon was also
reported  in  other  MMed  powders36,37 and  attributed  to
the  persistent  and  increasing  energy  input  during  MM
process.  It  was  noted that  MM-10 and MM-20 powders
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showed  a  near-spherical  morphology  due  to  applicable
energy inputs during MM process, which was essential to
flowing,  melting,  and  solidifying  for  LPBF  process  (Fig.
4(f–g)).  Discrepantly,  some  flattened  particles  (blue  ar-
rows  in Fig. 4(d))  were  observed  in  MM-30  powders
caused  by  excessive  energy  input,  which  might  be  ad-
verse to the flowability and LPBF consolidation17. More-
over,  the  PSDs  of  Ti  powders  upon  various  MM-time
were measured. As shown in Fig. 4(e–h), MMed Ti pow-
ders  were  similar  in  size  to  the  initial  powders,  and  the
PSD curves of all powders displayed a monomodal Gaus-
sian  distribution.  Specifically,  with  increasing  MM-time
(Fig. 4(i)),  the D50 value increased from 35.9 μm (MM-
0) to 40.9 μm (MM-20), while both the D10 and D90 val-
ues increased from 22.4 μm to 24.4 μm and from 56.6 μm
to  67.5  μm,  respectively.  This  result  demonstrated  a
slight increase in the D10 value at the low end of the par-
ticle  size  range  after  MM treatment,  thus  substantiating
the disappearance of  satellite  particles  (< 10 μm) in Fig.
4(a–c).  Inversely,  it  was  noted  that  the  D10,  D50,  and
D90 values all  decreased as MM-time reached 30 h, ow-
ing to the flattening and possible fracture of powders up-
on a prolonged collision.

More  importantly,  the  Hall  Flow  was  measured  to
quantificationally  evaluate  the  flowability  of  MMed  Ti
powders (Fig. 4(j)). In this work, MMed Ti powders with
flowability of 24.3~35.4 s/50 g were all similar to the re-
ported  powders  for  LPBF  consolidation35,38,39,  which
could  be  qualified  for  the  subsequent  LPBF  consolida-
tion.  As  known,  powder  flowability  is  regulated by  PSD
and morphology characteristics of the particles38. The de-
creasing  size  dispersity  of  powder  will  enhance  overall
flowability because the extra small particles within pow-
der bed can decrease the specific surface area of powders
and  interparticle  friction40.  Hence,  the  central  and  nar-
row PSD of  MMed powders  in  this  study demonstrated
appropriate flowability for LPBF consolidation of Ti im-
plants.  In  addition,  the  flowability  of  MM-30  powders
(35.4±1.8 s/50 g)  was somewhat inferior  to MM-0 pow-
ders  (24.3±0.6  s/50  g).  This  was  attributed  to  the  in-
creased  interparticle  friction  induced  by  the  partial  flat-
tened particles, and may affect the localized quality dur-
ing LPBF consolidation.

Whereafter,  the  phase  structures  of  MMed  Ti  pow-
ders  were  also  investigated  by  XRD  analysis  (Fig. 4(k)).
All the powders showed a single HCP structure with the
same diffraction peaks and angles, which indicated full α
grains without α→β phase transformations in the final Ti

powders  after  MM  process.  Moreover,  the  diffraction
peaks presented a distinctly broadening phenomenon of
full  width at  half  maximum peaks with increasing MM-
time,  which  qualitatively  confirmed  the  grain  refine-
ment upon MM process. In conclusion, MM process not
only  preserved  near-spherical  morphology  of  powders,
but also induced a gradient plastically deformed layer for
constructing  heterogeneous  core-shell  regions,  which
was  an  essential  prerequisite  for  achieving  heterostruc-
ture in pure Ti implants.

 Heterostructure in the LPBF consolidated Ti
implants
To evaluate the evolution of grain and dislocations dur-
ing  LPBF  process,  the  microstructure  features  of  LPBF
fabricated Ti  samples  (HS-0,  HS-10,  HS-20,  and HS-30)
were  characterized  by  EBSD  on  the  transverse  section
perpendicular  to  the  [0001]  orientation.  Notably,  the
building direction (BD) is parallel to the [0001] orienta-
tion.  As  known,  the  structure  and  feature  of  prior-β
grains  during  high  temperature  can  influence  the α
grains and final properties for pure Ti41,42. Hence, the pri-
or-β grains  were  reconstructed  from α grains  by  EBSD
maps  through  the  Burgers  orientation  relationship  of
{0001}α //  {101}β and  <11-20>α //  <111>β.  As  shown  in
Fig. 5,  the  changes  in  prior-β grains  could  be  explicitly
observed.  In Fig. 5(a),  HS-0  sample  without  MM  pre-
treatment  displayed  the  coarse  prior-β grains  and  a
strong < 001 > crystal orientation with a maximum mul-
tiples  random  distribution  (MRD)  value  of  9.67.  Com-
paratively  (Fig. 5(b)),  after  MM  pre-treatment,  HS-10
sample  had  more  refined  and  equiaxed  prior-β grains
with smaller MRD value (5.27). Further, with increasing
MM-time, the size and MRD values of prior-β grains de-
creased visibly in HS-20 and HS-30 samples. Yao et al.42

reported that the refinement of prior-β grains may con-
tribute to an increase in strength of  Ti  alloys.  More im-
portantly,  the  crystal  orientation  of α grains  is  deter-
mined  by  the  MRD  value  of  prior-β grains  during  the
β→α transformation according to Burgers orientation re-
lationship. Therefore, the decrease in MRD values of pri-
or-β grains  was beneficial  to  weaken the formation of α
grains  textures  during  LPBF  process,  which  could  re-
frain from the anisotropy of properties.

As  shown  in  IPF  map  (Fig. 6(a)),  HS-0  sample  dis-
played  a  homogeneous  structure  with  CGs.  In  contrast,
HS-10 sample emerged a peculiar microstructure where-
in CGs (framed areas) were enclosed by UFGs (Fig. 6(b)),
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termed as a harmonic heterostructure.  It  should be not-
ed  that  the  black  areas  within  the  UFGed  regions  were
suspected  to  be  unidentifiable  nano-grains  due  to  the
limitation of  EBSD system43.  With  the  prolonging  MM-
time  up  to  20  h  and  30  h  (Fig. 6(c, d)),  the  volume  of
UFGed  shell  regions  increased  gradually,  leading  to  a
more  distinct  difference  in  grain  size  between  the  core
and shell regions. Compared with HS-10, a more promi-
nent  harmonic  heterostructure  was  induced  within  HS-
20  and  HS-30  samples.  These  results  suggested  the  suc-
cessful  preparation  of  heterostructured  pure  Ti  consist-
ing of CGs surrounded by UFGs, which was attributed to
a feasible and adjustable route of MM and LPBF process.
On  the  one  hand,  the  highly  transient-melting  kinetics

and localized  nature  during  LPBF led  to  the  interaction
time  between  laser  and  powders  being  extremely  short
(10−6–10−3 s44,45).  This  restrained  the  regrowth  of  initial
UFGs  constructed  by  MM  due  to  the  ultra-fast  heating
and  cooling  rate.  On  the  other  hand,  the  severe  plastic
deformations  by  MM  pre-treatment  triggered  UFGs  in
Ti particles, accompanied by the residual nuclei and pre-
existing dislocations in UFGed shell regions. These resid-
ual  nuclei  provided  growth  sites  for  partial  primary
grains,  and  pre-existing  dislocations  supplied  the  driv-
ing force for the formation of extra UFGs within Ti sam-
ples46.  Hence,  the  initial  grain  size  heterogeneity  (core-
shell) formed by MM pre-treatment was successfully car-
ried  over  to  LPBFed  Ti  samples,  thereby  establishing  a
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harmonic heterostructure with CGs surrounded by inter-
connected UFGs. Furthermore, the volume of core-shell
regions was highly tunable owing to the configurable na-
ture of MM pre-treatment.

Afterwards,  combined with the summarized PF maps
in Fig. 6(e–h),  the  harmonic  heterostructured  Ti  sam-
ples  (HS-10,  HS-20,  and  HS-30)  had  smaller  MRD  val-
ues  (7.83,  6.61,  and  6.13,  respectively)  compared  to  the
HS-0  sample  (11.35).  This  suggested  that  the  UFGs  of
heterostructure  could  improve  the  microstructure
isotropy. As reported by Mandal et al.47,  the smaller ini-
tial  grain  sizes  could  weaken  the  formation  of  textures
during  the  extremely  rapid  cooling  rates,  thereby  elimi-
nating  the  anisotropy  of  materials.  This  was  due  to  the
formed α grains during the β → α transformation also in-
herited  the  crystal  orientation  of  prior-β grains  follow-
ing  the  Burgers  orientation  relationship.  Also,  eliminat-
ing the textures of α grain was key to elevating plasticity
of LPBFed Ti alloys.

Visually,  the  dislocation  density  evolution  within
LPBFed  pure  Ti  upon  different  MM  pre-treatment  was
further  characterized  by  the  KAM  patterns  from  EBSD
orientation data. As previously mentioned, the heteroge-
neous regions could be estimated by the dislocation den-
sity distributions. As shown in Fig. 6(i), the KAM pattern
of  HS-0  sample  without  MM  pre-treatment  displayed  a
thoroughly low dislocation density with plentiful blue re-
gions. In comparison, a drastic variation in KAM values
could be observed in the heterogeneous Ti samples (HS-
10,  HS-20,  and  HS-30)  with  MM  pre-treatment,  which
was  related  to  grain  refinement  since  misorientations
were  concentrated  near  the  GBs26,48.  In Fig. 6(j),  the
LPBFed  HS-10  sample  was  dominated  by  high  disloca-
tion density and emerged a harmonic distribution com-
posed of low dislocation density in core regions and high
dislocation density  in  shell  regions,  further  presenting a
harmonic heterostructure within the LPBF sample.  Fur-
thermore,  as  MM-time  progressed  (Fig. 6(j–l)),  ever-
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increasing  pre-existing  dislocations  were  introduced  in-
to the shell regions, which rendered a more pronounced
harmonic  structure.  In  addition,  dislocation  density  is
widely  used  to  evaluate  the  mechanical  performance  of
metals46,49,  and  the  higher  dislocation  density  in  the
present  study  suggested  significant  mechanical  hetero-
geneity within the heterostructured Ti. In conclusion, the
highly transient-melting kinetics and localized nature of
LPBF  process  effectively  perpetuated  the  grain  hetero-
geneity  induced  by  MM  pre-treatment,  hence  establish-
ing a harmonic heterostructure within consolidated pure
Ti  implants.  Furthermore,  the  pre-existing  dislocations
in the heterostructured Ti implants were believed to con-
tribute to the following mechanical properties.

 Strength and plasticity
Mechanical  properties  are  crucial  for  orthopedic  im-
plants, especially for internal support and organ replace-
ments. Hence, strength, plasticity and wear resistance are
considered to be the most momentous performances for
clinical  applications.  To  further  shed  light  on  the  har-
monic heterostructure for strength and plasticity, tensile
tests were carried out on the LPBF fabricated Ti samples
with  different  MM  pre-treatment.  The  engineering
stress-strain  curves  of  homogeneous  and  heterogeneous
Ti samples were displayed in Fig. 7(a). For HS-0 sample,
the  ultimate  tensile  strength  and  elongation  were
594.2±12.1  MPa  and  9.8±0.2%,  respectively.  Compara-
tively,  HS-10  sample  exhibited  a  simultaneously  im-
proved  strength  (875.7±21.6  MPa)  and  plasticity
(13.1±0.3%).  This  phenomenon  suggested  that  the  har-
monic  heterostructure  within  the  Ti  samples  contribut-
ed  to  the  synergistic  enhancement  of  strength  and plas-
ticity.  Furthermore,  mechanical  properties  of  pure  Ti
samples  increased  prominently  owing  to  the  construc-
tion of  harmonic heterostructure,  which was adequately
confirmed  by  the  statistical  analysis  results  in Fig.  S3.
Particularly,  HS-20  sample  possessed  the  best  combina-
tion  of  strength  (989.2±22.3  MPa)  and  plasticity
(15.3±0.4%) which were 60% and 38% higher than those
of HS-0 sample, respectively. Nonetheless, the increase of
strength  (1084.1±28.1  MPa)  in  HS-30  sample  was  ac-
companied  with  a  decrease  of  plasticity  (11.6±0.5%)
compared to HS-20 sample. This trade-off phenomenon
might  be  on  account  of  the  superfluous  refined  grains
and reduced powder flowability during LPBF process, as
reported  by  ref.50,51.  The  slightly  inferior  flowability  of
MM-30 powders led to uneven layer thickness,  with ex-

cessive  and  insufficient  energy  input  in  thinner  and
thicker  regions,  respectively.  As  a  result,  compared  to
HS-0, HS-10, and HS-20 samples (Fig. S4(a–c)), the ther-
modynamics  and  kinetics  differences  in  powder-layers
generated  the  localized  concentration  of  residual  stress
during cooling and solidification, inducing various inter-
nal micro-cracks and voids in HS-30 sample (Fig. S4(d)).

These  results  demonstrated  that  the  introduction  of
heterogeneous regions produced a  positive  effect  on the
strength and plasticity of pure Ti samples, which may be
associated  with  hetero-deformation  in  harmonic  het-
erostructure.  Especially,  the  manipulation  of  core-shell
volumes  by  utilizing  the  nature  of  MM  and  LPBF  pro-
cess  induced  an  excellent  synergistic  effect  on  strength
and plasticity within HS-20 sample. In addition, it is well
known that  the strength-plasticity is  also determined by
strain-hardening rate (SHR: Θ) defined as: 

Θ=∂σT/∂εT, (4)

in which σT and εT are true stress and true strain, respec-
tively. The intersection between Θ and σT corresponds to
plastic instability points, after which necking occurs28.  A
comparison of SHR and true stress as a function of true
strain was shown in Fig. 7(b).  Interestingly,  the SHRs of
Ti samples were substantially enhanced, benefiting from
the  harmonic  heterostructure,  and  thereby  the  point  of
plastic  instability  was  successfully  postponed,  leading  to
improved strength and plasticity. Especially, HS-20 sam-
ple  exhibited  the  optimal  strain-hardening  capability.
Therefore,  it  could  be  deduced  that  a  superior  strain-
hardening  capacity  of  heterostructure  delayed  the  plas-
ticity  instability,  thereby  achieving  a  synergistic  high
strength  and  plasticity  in  LPBFed  pure  Ti,  which  con-
tributed to the long-term service as orthopedic implants.

Thereafter,  the  fracture  topographies  of  LPBFed  Ti
samples were characterized by SEM to visualize the frac-
ture patterns. As shown in Fig. 7(c), HS-0 sample exhib-
ited a fracture pattern dominated by certain cleavage and
river-like  topographies,  accompanied  by  a  few  shallow
dimples. Furthermore, as the volumes of UFGed shell re-
gions  increased  (Fig. 7(d, e)),  the  fracture  topographies
exhibited a notable evolution of discernible necking phe-
nomenon and deep dimples, similar to a study by Cui et
al.52.  Also,  HS-20  sample  presented  the  most  abundant
dimples  with  sizes  less  than  20  μm,  suggesting  a  strong
intergranular  bonding  between  the  core  and  shell  re-
gions, which contributed to the promotion of mechanical
stability53. Consequently, the mechanical performance of
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HS-20  sample  transitioned  from mixed  fracture  to  duc-
tile  fracture  predominated  by  the  abundant  dimples.
Comparatively, HS-30 sample showcased the growth and
development  of  intergranular  cracks,  as  well  as  stress
concentration during deformation, which was attributed
to the superfluous UFGs and inferior consolidation qual-
ity.  In  conclusion,  the  Ti  implants  in  the  present  study
achieved a  remarkable  strength-plasticity  synergy owing
to  the  harmonic  heterostructure  and  superior  strain-
hardening capacity.

 Wear resistance
To  evaluate  wear  resistance  of  the  heterostructured  Ti
implants  in  this  study,  the  frictional  behaviour  and  mi-
crohardness  were  investigated  via  friction  and  indenta-
tion  tests.  The  variations  in  COFs  as  a  function  of  time
for  the  homogeneous  and  heterostructured  Ti  samples
were presented in detail under varying friction pairs and
loads,  respectively.  As  shown  in Fig. 8(a),  the  frictional
behaviour  reached  a  steady  state  after  running  ~1300  s,
with  a  Si3N4 friction  pair  and  a  constant  load  of  5  N,
which  suggested  a  COF  of  0.58  for  homogeneous  HS-0
counterpart. For heterostructured HS-10, HS-20 and HS-

30 samples, the corresponding COFs presented an evolu-
tion  trend,  i.e.,  first  decreasing  from  0.52  to  0.42  fol-
lowed  by  increasing  to  0.53.  This  result  manifested  that
HS-20  sample  possessed  the  minimum  COF,  and  then
the frictional behaviour of HS-20 sample was further ex-
plored  under  varying  loads  of  2.5,  5,  7.5  and  10  N,  re-
spectively.  As  shown in Fig. 8(b),  the  COFs kept  no ap-
parent  change,  suggesting  an  analogous  frictional  be-
haviour  of  Ti  samples  under  the  varying loads.  In  addi-
tion, UHMWPE balls as friction pairs were employed to
investigate the frictional behaviour under different work-
ing conditions (Fig. 8(c)). The COFs of all samples tend-
ed  to  stabilize  earlier  than  that  measured  using  Si3N4

balls,  as  well  as  notably  lower  COFs  (0.11–0.17),  which
suggested  the  obvious  mechanical  stability.  As  known,
the implant would be situated in a stable environment of
human body and hardly subjected to additional loads af-
ter implantation54.  Furthermore, Ti is  an easily passivat-
ed  metal,  which  promotes  the  formation  of  extremely
dense, stable, and chemically inert protection film55−57. In
this  work,  the  UFGs  of  heterostructure  with  more  GBs
provided  a  higher  number  of  active  atoms  for  passiva-
tion, which further enhanced the corrosion resistance of
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heterostructured  Ti  implants.  More  importantly,  after
surgical  implantation,  cells  adhering  to  Ti  implant  sur-
face would form direct structural and functional connec-
tion between the  implants  and bone  tissues,  which  pro-
vided  biomechanical  support  for  the  orthopedic  im-
plants5,58,59.  Therefore,  the  heterostructured  Ti  orthope-

dic implants in this work are expected to maintain stabil-
ity under joint friction and thereby serve as potential ap-
plications for long-term service.

To further explore the wear resistance, wear loss of all
Ti samples with Si3N4 balls and constant load of 5 N was
measured and shown in Fig. 8(d). The evolution trend of
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wear  loss  was  similar  to  that  of  COFs,  further  confirm-
ing  quantificationally  that  wear  resistance  of  harmonic
heterostructured Ti samples was higher than that of ho-
mogeneous  counterpart.  Further,  the  wear  rate  (ω)  was
calculated based on wear loss according to the equation3: 

ω=Vloss/(F×L), (5)
where ω is a wear rate (mm3/Nm), Vloss is a wear volume
loss (mm3), F is an applied load (N) and L is a sliding dis-
tance  (m).  Particularly,  heterostructured  HS-20  sample
exhibited  the  minimum  wear  rate  (11.8±1.2×10–5

mm3/Nm) which was reduced by 33.7% compared to ho-
mogeneous HS-0 counterpart (17.8±0.6×10–5 mm3/Nm),
suggesting  the  optimal  wear  resistance.  In  addition,  mi-
crohardness is also known as one of the factors for wear
resistance55.  As  the  volume  of  UFGed  shell  regions  in-
creased  (Fig. 8(e) and Fig.  S3),  the  mean microhardness
of  Ti  samples  presented  a  significant  increasing  trend
(243.5±3.4,  278.1±9.1,  315.8±10.3,  and  343.4±10.9  HV,
respectively). It is well known that grain refinement leads
to increased microhardness of metals58, which may be re-
sponsible  for  the  higher  microhardness  in  the  present
study.  Moreover,  a  diagram  (Fig. 8(f))  compared  the
plasticity  and  wear  resistance  of  LPBFed  Ti  implants  in
this work with those of reported Ti-based alloys by other
processes,  including  metal  injection  molding  (MIM)3,
vacuum arc remelting (VAR)61, LPBF4,62−64, spark plasma
sintering  (SPS)65,  mechanical  alloying  (MA)  and  subse-
quent  hot-pressing  sintering  (MA+HPS)66,  arc-melting
(ARCM)67.  As  known,  the  sacrificed  plasticity  owing  to
enhanced  strength  will  deprive  the  capability  to  absorb
energy and repeat deformations during friction, which is
detrimental  to  mechanical  stability  and  wear  resistance.
Fortunately,  the  harmonic  heterostructured  Ti  in  this
work  stood  out  in  comparison  to  the  reported  alloys,
exhibiting  a  marvelous  synergy  of  wear  resistance  and
plasticity.

Intuitively,  the  wear  surface  morphologies  and corre-
sponding sectional curves were shown in Fig. 8(g–j), dis-
playing the variations in depth and width of  wear-scars.
From the macroscopic view (Fig. 8(g)),  the wear surface
was  characterized  by  abundant  grooves  and  irregular
boundaries, suggesting that HS-0 sample suffered severe
wear.  Comparatively,  upon  MM  pre-treatment  (Fig.
8(h–j)),  the  heterostructured  Ti  samples  displayed  shal-
low and narrow wear-scars with fewer grooves, as well as
more orderly boundaries, and this phenomenon was ev-

er-increasingly  obvious  with  the  increasing  volume  of
UFGed regions.  It  was  worth  noting  that  HS-20  sample
presented  the  minimum  depth  and  width  of  the  wear-
scars, confirming the maximum reinforcement effect ow-
ing to heterostructure. In addition, an obvious crack (red
arrow)  appeared  on  the  wear  surface  of  HS-30  sample,
which was attributed to the insufficient plastic deforma-
tion capacity during frictions. Hence, the harmonic het-
erostructured  Ti  samples  displayed  a  significant  spatial
difference  between  the  soft  core  and  hard  shell  com-
pared  to  homogeneous  counterparts,  thereby  leading  to
enhanced wear resistance. In brief,  an excellent wear re-
sistance  was  achieved  via  constructing  harmonic  het-
erostructure in pure Ti implants, and reinforcing mecha-
nisms  would  be  concretely  explored  in  the  following
sections.

 Reinforcing mechanisms
To  elucidate  the  correlation  between  harmonic  het-
erostructure  and  exceptional  mechanical  properties,  a
systematic analysis was conducted on the heterogeneous
grains  and  dislocation  behaviours  within  LPBFed  Ti
samples through TEM characterization. As shown in Fig.
9(a),  obvious  heterogeneous  grains  of  CGs  encased  by
UFGs were marked in detail. More specifically, pre-exist-
ing  dislocations  (blue  arrows)  piled  up  at  the  heteroge-
neous interfaces. Further, the SAED pattern (Fig. 9(b)) of
marked  grains  further  suggested  pure  Ti  samples  with
the  representative  lattice  planes  of  the  HCP  structure.
The  corresponding  EDS  mapping  (Fig. 9(c))  manifested
pure  Ti  samples  without  other  elements,  and  the  SAED
pattern of single crystal (Fig. 9(d)) presented a lattice pa-
rameter  of c/a=1.586.  The  corresponding  HRTEM  pat-
tern indicated HCP structure at the atomic level project-
ed  along  the  [110]  direction.  These  results  convincingly
verified that heterostructured Ti samples possessed a sin-
gle  HCP  structure  illustrated  in Fig. 9(e).  Moreover,  a
distinct interface between the core and shell regions, and
the  specific  lattice  fringes  with  heterogeneous  interfaces
were identified in enlarged (Fig. 9(f)) and IFFT (Fig. 9(i))
patterns, respectively. This was attributed to the discrep-
ancies  in  the  orientation  of  lattice  fringes  between  core
and  shell  regions.  The  interplanar  spacing  within  core
and  shell  regions  were  0.234  nm  and  0.224  nm,  respec-
tively, which was congruent with the typical structure of
pure Ti. 
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Further,  more  obvious  evidences  demonstrated  the

disparate dislocation distributions between the core and
shell regions. In Fig. 9(g), dislocations were diffusely dis-
tributed  inside  the  CGs.  In  contrast,  in  the  UFGs  in-
duced by MM pre-treatment, abundant dislocations were
entangled with each other,  leading to significant pre-ex-
isting dislocation pile-ups (Fig. 9(h)). These results indi-
cated  that  the  strong  plastic  deformation  produced  by

MM  pre-treatment  contributed  to  massive  dislocation
pile-ups  in  UFGed  shell.  These  pre-existing  dislocation
pile-ups  within  the  heterogeneous  regions  were  con-
ducive to synergistic strength-plasticity.

Intuitively,  a  possible  schematic  diagram  was  pro-
posed and illustrated in Fig. 9(j–l) to reveal the strength-
plasticity  synergy  of  the  harmonic  heterostructured  Ti
samples.  At  the  initial  stage  of  deformation  (Fig. 9(j)),
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the pre-existing dislocation pile-ups within UFGed shell
impeded dislocation motions, thus contributing to more
strength for shell regions. Moreover, the enhancement in
mechanical stability was ascribed to the pre-existing dis-
locations, where dislocations could act as barriers for the
deformation of CGs. At this period, the soft core was still
at the plastic deformation stage, which was attributed to
the  surrounding  hard  shell68.  Therefore,  the  mechanical
incompatibility  between  the  shell  and  core  regions  of
LPBFed Ti samples introduced significant gradient strain
near the heterogeneous interfaces.

With strain increasing (the second stage in Fig. 9(k)),
geometrically  necessary  dislocations  (GND)  in  core  re-
gions during hetero-deformation were activated and be-
gan to pile up near the heterogeneous interfaces of pure
Ti. Subsequently, the continuous and accumulated GND
triggered  hetero-deformation  induced  (HDI)  stress,  in-
cluding  back-stress  in  core  and  forward-stress  in  shell.
The  forward-stress  motivated  the  pre-existing  disloca-
tions  in  shell  to  reverse  or  cross  slip  along  slip  planes,
which  led  to  the  disentanglement  and  annihilation  of
dislocations.  This  was  a  typical  strain-softening  effect
that  freed  up  space  in  shell,  enabling  the  regeneration
and storage of  dislocations in pure Ti.  Afterwards,  early
strain  localization  was  postponed,  allowing  for  further
plastic  deformation  of  UFGs69,70.  Meanwhile,  the  back-
stress  led  to  HDI  strengthening  of  CGed  core,  further
eliminating  strain  localization  of  heterostructured  Ti
implants.

At  a  critical  threshold  of  the  back-stress  (the  third
stage in Fig. 9(l)), dislocation behaviours including mul-
tiple  slips  and  slip  transfer  across  heterogeneous  inter-
faces  were  activated  in  the  LPBFed  Ti  samples.  It  was
emphasized  that  the  dislocation  behaviours  benefited
from  the  gradient  grain  structure  and  good  interfacial
compatibility  between heterogeneous  regions.  Hence,  in
addition to the above two dislocation behaviours,  abun-
dant <c + a> slips were also activated near the heteroge-
neous interfaces. Ultimately, the HDI stress triggered the
extra strain-hardening in pure Ti,  defined as HDI hard-
ening  (ΘHDI),  which  could  be  mathematically  expressed
as71: 

ΘHDI= −(∂σ/∂ε)SS+(∂σ/∂ε)UFG+(∂σ/∂ε)CG, (6)

where –(∂σ/∂ε)SS was  the  initial  strain-softening  in
UFGs, and (∂σ/∂ε)UFG and (∂σ/∂ε)CG were HDI harden-
ing in UFGs and CGs, respectively. At this stage, the HDI
hardening  effect  in  the  UFGs  was  much  stronger  than

the  initial  strain-softening,  along  with  the  HDI  harden-
ing in CGs, thus endowing the Ti samples with a signifi-
cant  HDI  hardening  effect.  In  brief,  these  pre-existing
dislocations and heterogeneous grain structures induced
strain-softening, HDI strengthening and HDI hardening,
which  contributed  to  the  enhanced  strength  and  strain-
hardening  rate  and  eventually  unprecedented  strength-
plasticity synergy.

Furthermore,  the  reinforcing  mechanisms  of  het-
erostructure  for  wear  resistance  were  revealed  through
TEM  characterization  of  pure  Ti  implants  after  wear
tests.  A  HAADF  image  of  wear-scar  section  was  shown
in Fig. 10(a),  and  the  enlarged  image  of Fig. 10(b) sug-
gested  that  pure  Ti  samples  still  maintained  the  het-
erostructure  of  CGed  core  encased  by  UFGed  shell.  As
shown in Fig. 10(c), more extensive GND tended to pile
up  within  CGs  due  to  repeated  shear-stress  during  fric-
tion  deformation.  Further,  the  GND  pile-ups  with  the
identical Burger’s vector contributed to the formation of
dislocation  walls  at  heterogeneous  interfaces72.  As  dis-
played in Fig. 10(d), an enlarged image of heterogeneous
interfaces  indicated  discrepant  regions  (yellow  dotted
line). As confirmed by HRTEM image and inset FFT pat-
tern in Fig. 10(e), heterostructured Ti samples possessed
a  typical  (102)  crystalline  plane  with  lattice  spacing  of
0.172  nm.  In Fig. 10(f),  a  IFFT  pattern  of  region  C  fur-
ther demonstrated that the high density of GND was ob-
served  at  the  heterogeneous  interfaces,  suggesting  the
outstanding dislocation storage capability of heterostruc-
ture during friction deformation.

A  schematic  illustration  of  friction  revealed  the  mi-
crostructure evolution of heterostructured Ti during fric-
tion  deformation.  As  shown  in Fig. 10(g, h),  the  high
strength of UFGed shell could bear wear shear-stress and
effectively  protect  CGed  core  from  premature  deforma-
tions,  while  the  abundant  GBs  and pre-existing  disloca-
tions  also  effectively  impeded  material  removal  from Ti
samples.  Meanwhile,  the  HDI  hardening  induced  by
GND  pile-ups  enhanced  strain-hardening  capacity  dur-
ing the repeated shear sliding, thus hindering the genera-
tion  and  expansion  of  cracks73.  More  importantly  (Fig.
10(i)),  the  GND  pile-ups  at  heterogeneous  interfaces
contributed to the formation of dislocation walls,  which
induced back-stress at the interfaces between CGed core
and UFGed shell. The back-stress as a long-range internal
stress  was in the opposite  direction to the applied stress
of wear and could offset part of wear shear-stress, which
endowed the  heterostructure  with  shear-resistance,  thus
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postponing  plastic  deformation  and  cracking.  The  soft

core regions possessed plasticity to relieve stress concen-

tration,  and the hard shell  regions also absorbed part  of

the stress. Therefore, HDI strengthening and hardening,

and back-stress collaboratively broke through the dilem-

ma  of  strength-plasticity  trade-off,  contributing  to  the

outstanding  wear  resistance  in  LPBF  fabricated  pure  Ti

implants.

 Conclusions
In the present work, harmonic heterostructured pure Ti
implants  were  developed  by  a  combined  route  of  MM
and  LPBF  technology  to  achieve  synergistic  strength-
plasticity  and  outstanding  wear  resistance.  The  mi-
crostructure, dislocation behaviours, mechanical proper-
ties, and relevant reinforcing mechanisms were explored
in detail. The main conclusions were as follows:

(1)  During  MM  process,  a  spatial  heterostructure  of
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UFGed  shell  encapsulating  CGed  core  within  pure  Ti
particles  was  constructed  by  the  gradient  and  intense
plastic  deformation,  accompanied  by  the  generation  of
pre-existing  dislocations.  Moreover,  the  shell  thickness
and  grain  size  distributions  were  highly  tunable  by  ma-
nipulating the energy input of MM process.

(2)  The  subsequent  LPBF  process  perpetuated  initial
grain  heterogeneity  due  to  highly  transient-melting  ki-
netics, hence creating a harmonic heterostructure within
pure Ti implants.  Furthermore, the pre-existing disloca-
tions  piled  up  near  the  heterogeneous  interfaces  within
the heterostructured Ti implants.

(3)  The  harmonic  heterostructured  pure  Ti  implants
exhibited  an  enhanced  wear  resistance  (33.7%)  com-
pared  to  the  homogeneous  counterpart,  which  was  as-
cribed to the synergistic strength-plasticity motivated by
HDI  strengthening  and  extra  HDI  hardening.  Further-
more,  the  back-stress  during  the  deformation  counter-
acted  the  partial  wear  shear-stress,  further  contributing
to the enhanced wear resistance.

These  findings  demonstrated  the  untapped  potential
of  enlightening  MM  and  LPBF  strategy  to  develop  het-
erostructure  and  further  manipulate  structural  hetero-
geneity,  which  provided  novel  insights  into  breaking
through  wear  resistance  dilemma  and  manufacturing
high-performance biomedical implants. The heterostruc-
tured pure Ti implants presented a marvelous synergy of
strength-plasticity and wear resistance, which was attrac-
tive  for  orthopedic  implant  applications.  Nevertheless,
more  further  studies  and  validations  are  necessary  for
different  biomedical  application  scenarios  in  future.  In
addition,  adaptative  elastic  modulus  between  Ti  im-
plants and implantation sites is crucial to alleviate stress-
shielding effect,  which may also be the emphasis  for  fu-
ture studies.
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